Carbide-reinforced martensitic steels, known as high-speed steels (HSSs), have been used as tool materials in various industries because of their high hardness and wear resistance. Nonetheless, such steels show severe degradation when used in a corrosive environment because typical Cr 2 O 3 films, which generally realise passivity in these alloys, do not often work effectively. Here, we demonstrate that the corrosion resistance of a high-carbon-containing Fe-Cr-W-based alloy in a sulfuric acid solution can be significantly improved by the addition of trace Cu. The enrichment of Cu at the surface of the alloy as corrosion proceeds is key to inhibiting further corrosion. A theoretical model for a micro corrosion cell, which should be applicable to any material employed under the same corrosion conditions in fields such as the chemical and energy industries, was developed to interpret the experimental observations. npj Materials Degradation (2019)3:30 ; https://doi
INTRODUCTION
The global market for super engineering plastics, particularly polyphenylene sulfide (PPS), has grown in recent years because PPS has a remarkably high temperature resistance, good mechanical strength, and exceptional chemical and solvent resistance in high-temperature environments. 1 One of the most common methods for manufacturing PPS is plastic injection moulding (PIM). However, during this process, the reciprocating screw in the manufacturing apparatus usually suffers from frequent wear loss because the semi-fluid raw materials used for making PPS commonly contain a large amount of glass fibres as a reinforcement. In addition, the mould temperature for the PIM manufacturing of PPS is~140-300°C. 2 Therefore, a severe corrosive environment is induced during PIM because PPS is decomposed into SO 2 gas, which then generates an H 2 SO 4 corrosive environment via a further series of reactions. 3 Thus, the materials for the screw should be capable of bearing high levels of wear and resisting corrosion during PIM.
Most manufacturers have used traditional stainless steels, such as the SUS300 or SUS400 series, for screw materials. However, the disadvantages of using these materials are evident: in addition to the deterioration of their mechanical properties when used at elevated temperatures, 4 their corrosion resistance under a continuous friction load is still inadequate.
High-speed steel (HSS) is a certain type of alloy (with a C content ranging from 0.6 to 1.3 mass%) that is generally used as a tool material (also in current applications). The outstanding mechanical properties of HSSs at room and elevated temperatures are mainly due to the formation of martensite and numerous carbide precipitates. Powder metallurgy techniques have recently been employed to manufacture HSS with a more uniform distribution of carbide particles in the matrix. 5, 6 However, it is inevitable that HSSs will be increasingly susceptible to localised corrosion due to the existence of numerous carbide precipitates. [7] [8] [9] Therefore, there is a great need to improve the alloy design to simultaneously achieve a high hardness and a resistance to corrosion during PIM manufacturing. Moreover, corrosion-resistant HSSs would open further applications in various fields, such as chemicals and energy. Although a higher Cr content could result in a decrease in strength, 10, 11 Cr has been a key corrosion-resisting element in most HSSs. The use of W has been recommended to improve wear resistance, and has been used in the production of W-containing carbides such as WC, which is generically used as a cemented carbide and coating material. 12, 13 Although there have already been some studies addressing the microstructures and mechanical properties of the Fe-Cr-W system with the addition of carbon, [14] [15] [16] to date there have been no studies addressing its resistance to corrosion in a H 2 SO 4 solution. Some simple results obtained for the corrosion mechanism in austenitic steels with a carbon content much lower than that in HSSs would generally differ from those related to carbide-reinforced HSSs in most circumstances. As such, they would likely not be applicable to high-carbon alloys. Nonetheless, Cu is a common alloying element that improves the corrosion resistance of conventional austenitic steels in H 2 SO 4 solution because of the higher hydrogen overpotential of Cu 17, 18 and/or re-deposition of Cu on the surface. 19, 20 However, the effect of Cu addition on the corrosion resistance of high-carbon steels with high carbide contents has not been elucidated.
In this study, we propose a ferrous alloy, produced via Cu alloying, with a high hardness and sufficient corrosion resistance when immersed in an H 2 SO 4 solution. Microstructural observations and surface analysis were conducted in detail and the correlation with the corrosion behaviour was examined. It was found that the corrosion of these alloys proceeds starting with the formation of micro corrosion cells; the enrichment of Cu at the surface of the alloy as corrosion proceeds inhibits further corrosion. A theoretical approach for estimating the localised mixed potential has been proposed to interpret the corrosion mechanisms of these alloys from the viewpoint of the force driving the corrosion reaction.
RESULTS

Alloy design
Several studies have suggested that in austenitic stainless steels, there is a critical Cr content that will provide sufficient corrosion resistance to H 2 SO 4 corrosive environments. [21] [22] [23] However, because Cr has a strong tendency to form carbides, 24, 25 it is generally difficult to achieve high Cr concentrations in the matrix of high-carbon steels. Therefore, it is necessary to make allowances for Cr in high-carbon-content HSSs. Our preliminary experiments confirmed that the corrosion rate of the designed steels decreases with an increase in the Cr content and becomes saturated when the Cr concentration is 13 mass% or higher ( Figure  S1 ). Therefore, the Cr content used in the present study was determined to be 16 mass%.
The phase diagram for a Fe-16Cr-3W-1C-xCu system was obtained using a thermodynamic calculation (Thermo-Calc ver. 2017a, via the FE6 Database) as shown in Fig. 1 . The austenite (γ), which is required for obtaining the martensitic matrix after quenching, is stable at temperatures above 800°C for the designed steels. The Cr-enriched M 23 C 6 carbide, which is common in many steels, 24, 25 exists in an equilibrium phase. Although WC is not predicted to be present in the current compositions, it was reported that W substitutes for Cr in the M 23 C 6 carbide, as well as the coarsening rate of the M 23 C 6 carbide particles at high temperatures, decreases as the diffusion of W becomes a ratecontrolling process. [26] [27] [28] Furthermore, W substitution has been known to increase the hardness of the (Cr, Fe) 23 C 6 carbide significantly. 29 Therefore, a small amount of W (3 mass%) was added to the alloys used in the present study to realise a smaller carbide particle size and higher hardness. The thermodynamic calculations also indicate the precipitation of pure Cu at relatively low temperatures. To build the experimental and control groups with which to discuss the effect of Cu addition to the Fe-Cr-W-C alloy, Fe-16Cr-3W-1C without and with 2 mass% Cu (hereafter denoted as Cu-free and Cu-added alloys, respectively) were designed (see the dashes in Fig. 1) . To obtain the martensitic matrix and ensure the dissolution of Cu into the matrix phase, the alloy samples were heat-treated at 1000°C for 2 h, followed by water quenching. Figure 2 shows the (a, d) image quality (IQ) maps, (b, e) inverse pole figure (IPF) maps, and (c, f) phase maps of the Cu-added alloy in the (a-c) as-cast and (d-f) quenched states, as obtained by electron backscatter diffraction (EBSD) measurements. The as-cast specimen had a very coarse dendritic microstructure with grain sizes of several hundred micrometres. In contrast, the microstructure of the quenched specimen (Fig. 2d) was much finer. The phase maps indicate that the matrix of the as-cast specimen consisted mainly of austenite with a face-centred cubic (fcc) structure, with most parts of the microstructure being replaced by the body-centred cubic (bcc) phase after heat treatment. This phase transformation was also identified by X-ray diffraction measurements ( Figure S2) . Furthermore, as shown in Figure S3 , the crystallographic orientations of the matrix satisfied the Kurdjumov-Sachs (K-S) orientation relationship ( (111) 30 while numerous dislocations were observed in the matrix phase ( Figure S4 ). These results suggested the occurrence of a martensitic transformation upon quenching. Similar behaviour was also observed for the Cu-free alloy. Figure 3 shows backscattered electron (BSE) images for the Cufree and Cu-added alloys in the as-cast and quenched states, respectively. The as-cast specimens have precipitates exclusively at the grain boundaries (Fig. 3a, b) . In contrast, two kinds of precipitates with different scales were observed in the matrices of both alloys after heat treatment, as shown in Fig. 3c, d . Notably, the quenched specimens exhibited numerous nano-sized precipitate particles with diameters of 50-200 nm in both alloys, while such fine precipitates were not observed in the as-cast microstructures of both alloys. Hereafter, the observed coarse and fine precipitates are referred to as primary and secondary precipitates, respectively. Figure 4 shows the (a) high-angle annular dark field (HAADF) scanning transmission electron microscopy (STEM) image and the (b-f) corresponding energy-dispersive spectroscopy (EDS) elemental maps for the quenched Cu-added sample. Higher Cr, W, and C contents were identified within both the primary and the secondary precipitates, while Fe and Cu were depleted. EDS point analysis suggested that the matrix phase contained~12 mass% of Cr and 3 mass% of Cu, with no significant compositional difference between the two kinds of precipitates (Table 1 ). Figure 5 shows high-resolution HAADF-STEM images and the corresponding selected area electron diffraction (SAED) patterns for the (a) primary and (b) secondary precipitates, respectively, in the quenched Cu-added sample. From the SAED pattern, the primary precipitate could be identified as M 23 C 6 carbide with a zone axis in the [001] direction. The secondary precipitate was also identified as being the same M 23 C 6 carbide. Therefore, both the primary and secondary precipitates observed in the alloys consisted of M 23 C 6 carbide. According to the calculated phase diagram (Fig. 1) , M 23 C 6 carbide exists as an equilibrium phase with a wide range of temperatures, and no other carbide is predicted to form in the current composition. The primary M 23 C 6 carbide, which had a lamellar morphology, was likely produced via a eutectic transformation during solidification and remained after heat treatment. It should be noted that Cu was preferentially distributed to the matrix. Figure 6 shows the Vickers hardness values for the as-cast and quenched samples of each alloy. The Vickers hardness for the former was 360 and 322 HV for the Cu-free and Cu-added alloys, respectively. Both alloys exhibited a considerable increase in hardness after quenching due to the formation of significantly finer martensitic microstructures with numerous carbide precipitates. As a result, very high Vickers hardness values, i.e. exceeding 700 HV were achieved in the quenched samples for both compositions. The results of a t-test suggest that a slight decrease in the hardness occurred when a small amount of Cu was added to both the as-cast and quenched specimens. Corrosion performance Immersion tests were conducted to evaluate the corrosion properties of the as-cast and quenched samples. During immersion in a 1 N sulfuric acid solution, hydrogen bubbles (H 2 ) were generated from the surface of the Cu-free alloy specimen only after the first measurement (within 1 h). As the time progressed, the sulfuric acid solution turned light cyan and the surface of the Cu-free sample blackened. In contrast, negligible bubbling was observed for the Cu-added alloy in the first 2 h. After 7 h of corrosion, the surface of the sample turned brown to some extent.
Microstructures
Vickers hardness
Plots of weight loss as a function of the immersion time for the as-cast and quenched specimens were calculated and are shown in Fig. 7a . Overall, the weight loss of all the specimens increased with the immersion time. The value for the as-cast Cu-added alloy specimen was lower than that for the Cu-free counterpart, with the difference between them increasing significantly with the immersion time. The quenched Cu-added samples exhibit an almost constant weight loss, similar to those in the as-cast state. However, the Cu-free counterpart showed an accelerated increase in weight loss with immersion time. Consequently, there was a more significant difference between the alloys in the quenched state after 7 h of immersion.
The corrosion rates, which were converted from the weight loss plots, are shown in Fig. 7b as a function of the immersion time. Both in the as-cast and quenched states, the corrosion rates of the Cu-added alloy samples were more than one order lower than those of their Cu-free counterparts. When the corrosion duration exceeded 4 h, the distances between any two curves become almost invariant on a logarithmic scale. Therefore, the corrosion resistances of the Cu-added specimens in both the as-cast and quenched states were higher than those of the Cu-free specimens, particularly in the case of longer immersion times. The corrosion resistances of both the Cu-free and Cu-added samples decreased after water quenching. However, this deterioration trend in the Cu-added specimens was negligibly small when compared to those for the Cu-free specimens.
Based on the results of the immersion experiments, we can conclude that the addition of Cu to Fe-Cr-W-C alloys not only significantly improves their corrosion resistance in a dilute H 2 SO 4 solution, but also inhibits the corrosion resistance deterioration caused by the water quenching treatment. Figure 8 shows scanning electron microscopy (SEM) images corresponding to the corroded microstructures of the (a, c) Cu-free and (b, d) Cu-added alloy samples in the (a, b) as-cast and (c, d) quenched states. Although crevices around the carbide precipitates were observed, particularly in the as-cast samples, a more severe dissolution occurred in the matrix phase. Notably, the martensitic matrix in the quenched Cu-free specimens reacted completely with the acid solution, resulting in the formation of primary carbides with a net-like morphology. In contrast, even in the quenched state, the matrix of the Cu-added sample was considerably less affected by the H 2 SO 4 solution and essentially survived the immersion test. After the 7-h immersion tests, the maximum surface roughness (Rz) of the quenched Cu-free sample was approximately 45 μm, which is more than double those of the other samples. These results indicate that corrosion occurred mainly in the alloy matrix, resulting in a significant surface roughness.
Corrosion microstructures
Preferential dissolution
The preferential dissolutions of the alloying elements during the immersion tests were investigated based on a solution analysis. The ionic concentrations in the solution of the as-cast samples after the tests following 7 h of immersion are summarised in Fig. 9a . The ionic concentration of Fe in the solution was higher than those of other elements in the H 2 SO 4 solutions used for the immersion tests of both the Cu-free and Cu-added specimens. Nonetheless, the addition of 2 mass% Cu to the alloys significantly inhibited the dissolution of metallic elements into the solutions. A low level of Cu dissolution was also detected in the Cu-added alloy. Figure 9b shows the concentration fractions for the metallic elements (Fe, Cr, W, and Cu) in each solution, as calculated from Fig. 9a . The alloy matrix compositions, denoted by dashes, can be regarded as being the expected values under the assumption that no preferential dissolution occurs. Therefore, the differences in the values of the concentration fractions in the solution and the composition of the corrected matrix indicate the dissolution preferences of the alloying elements. To acquire more precise matrix compositions for each alloy, the corrected values were calculated using the maximum posteriori Bayesian inference method, 31 which considers the nominal composition as priori and the 20 different measurements of the alloy matrix of the ascast samples as the posteriori observations. The latent dissolution tendency for each element can be obtained using the following criterion: if the concentration fraction in the solution for a specific element is higher than its alloy content the element is dissolved preferentially during corrosion, and vice versa. The results indicate that in the Cu-free specimen, W has limited dissolution while Cr exhibits proportional dissolution. In this condition, a Cr-enriched protective surface is less likely to form. In contrast, for the Cuadded specimen, most metallic elements (Cr, W, Cu) exhibit limited dissolution. Figure 10 shows the results of the X-ray photoelectron spectroscopy (XPS) survey analyses for the as-cast and quenched (a) Cu-free and (b) Cu-added samples before and after the immersion tests, respectively. There are major peaks corresponding to the metals, i.e. Fe 2p, Cr 2p, W 4f, O 1s, and Cu 2p (Cu-added alloy only). Both the as-cast and quenched Cu-added samples after immersion exhibit high-intensity Cu peaks.
Surface analysis
The narrow scan profiles of the Fe 2p, Cr 2p, and W 4f peaks of the quenched specimens after immersion for 1 h are shown in Fig. 11a-f ; the as-cast specimens exhibit no differences from the quenched ones. In each narrow scan profile for a metallic element, envelope peaks are deconvoluted into the peaks of the metallic and oxidation states, as denoted by the blue and magenta lines, respectively. Fe (Fig. 11a, d) and Cr (Fig. 11b, e) exist simultaneously as metals and oxides in the Cu-free and Cuadded specimens. However, the peaks of the metallic state in the Cu-added specimen are significantly stronger than those in the Cu-free one. W exists as both a metal and W 6+ for both alloys and there is no significant difference in the narrow scans for W between the Cu-free and Cu-added specimens in Fig. 11c , f. The profile of Cu after the immersion (Fig. 11g) shows that most Cu exists in a metallic state on the surface of the Cu-added specimen after corrosion. Fig. 5 High-resolution high-angle annular dark field-scanning transmission electron microscopy (HAADF-STEM) images and corresponding selected area electron diffraction (SAED) patterns for a primary and b secondary carbides in quenched Cu-added specimen Fig. 6 Vickers hardness of Cu-free and Cu-added alloy specimens before and after water quenching. The asterisks indicate significant differences between the indicated groups; *p < 0.05
The depth-wise profiles of the elemental distributions for the ascast and quenched Cu-free and Cu-added specimens after 1 h of immersion were determined from the XPS data and are shown in Fig. 12 . The oxygen concentrations after immersion were~75 at.% and 60 at.% on the outermost surfaces of the Cu-free and Cuadded samples; thus, they were higher than the concentrations measured before the immersion tests. Notably, the enrichment of Cr in the outermost surface oxide was not observed in either alloy after immersion. This indicates that the Cr 2 O 3 layer, which generally acts as a passive film in corrosion-resistant steels, does not contribute to the corrosion resistance of these alloys, although the Cr concentration of the matrix was as high as 12 mass% (Table  1) . Instead, a W-enriched surface appeared in the as-cast Cu-free specimen (Fig. 12a) after the immersion possibly as a result of preferential dissolution (Fig. 9b) . The same phenomenon was not observed in the quenched Cu-free sample (Fig. 12c) , possibly because more severe dissolution of the matrix phase occurred in the quenched state (Fig. 8c) . In contrast, Cu was concentrated on the surfaces of both the as-cast and quenched Cu-added samples after the immersion, as shown in Fig. 12b, d . This indicates that the enrichment of Cu at the surface of the alloy as corrosion proceeds is key to inhibiting further corrosion.
Furthermore, the depths of the corrosion-induced surfaces increased in the quenched Cu-free and Cu-added samples after immersion (Fig. 12c, d) , as shown by the vertical dashes determined by the Fe distributions. For the quenched Cu-added samples, the depth (~200 nm) of the corroded surface increased only 2-3 times compared to that of the as-cast one; however, this is not less than 10 when compared to the depths of the corrosioninduced surfaces in the Cu-free group (Fig. 12a, c) .
DISCUSSION
Our experimental results showed that, despite the high Cr content (16 mass%), the Cu-free alloys have a marked susceptibility to corrosion in a dilute sulfuric acid solution. Microstructural observations and surface analysis of the Cu-free sample revealed that the corrosion was more severe within the matrix phase, resulting in considerable active dissolution. This is reasonable because the Cr concentration, which is as high as those (e.g. higher than 18 mass% for SUS304) of stainless steels with good Cu-added alloys after 7 h of corrosion in 1 N H 2 SO 4 at room temperature corrosion resistance to sulfuric acid solutions, cannot be achieved in the matrix of designed alloys with large amounts of carbides. Thermodynamic calculations suggested that the equilibrium Cr content in the alloy matrix (austenite) at the annealing temperature (1000°C) of the present steels is as low as 10 mass % ( Figure S5 ), which is consistent with the experimental results ( Table 2) .
On the other hand, Kelvin force microscopy (KFM) observations revealed a potential difference between the carbide precipitates and the surrounding matrix ( Figure S6 ). Such a difference must contribute to the corrosion reaction and this may appear as microgalvanic corrosion 32 at the carbide-matrix interfaces. However, Cr depletion around the carbide particles, which act as preferential sites of localised corrosion attacks, was not evident in the current steels ( Figure S7 ). Instead, in the as-cast samples, corrosion was initiated not only at grain boundaries with primary carbides but, more significantly, in a matrix with no carbide precipitates ( Figure  S8 ). Therefore, we concluded that the micro corrosion cell mechanism, 33, 34 which also consists of microscopically separated anodes and cathodes, and therefore causes corrosion at the grain interiors, plays a dominant role in the corrosion of the studied alloys.
The micro corrosion cell model is schematically shown in Fig. 13 . The high Cr-and W-containing carbides served as cathodes and the alloy matrix was the anode. The difference in the electrochemical potential between the anode and cathode drove the directional flow of electrons according to the blue arrows denoted in Fig. 13 . The cathodic reaction began at the carbides, generating hydrogen gas. It is clear that a difference in the electrochemical potential between the anode and cathode caused the local breakdown of the passive film on the surface of the sample and thus made it impossible for a stable and continuous protective structure to form there. The typical Evans diagram for steel in a non-oxidising acid suggests that the corrosion reaction in the Cu-free Fe-Cr-W-C system is subject mainly to anodic control. 35, 36 The mechanisms for anodic polarisation can be subdivided further into three types: activation, concentration, and resistance polarisation. The first two are strongly related to the diffusion behaviours of metallic cations in solution, which can be ignored if we assume an ideal solution (an infinite solution environment) with a more than sufficient diffusion rate. This assumption is reasonable in the present immersion tests in a dilute H 2 SO 4 solution and in our practical problem with PIM manufacturing, because the material used for a screw is always fixed while corrosive substances are generated and stirred continuously. Therefore, more attention needs to be given to the third type, resistance polarisation, which is caused by the formation of some chemical substances in the anode.
Here, a theoretical approach is employed to interpret the two different corrosion mechanisms for the Cu-free and Cu-added alloys from the viewpoint of the driving force leading to the corrosion reaction. All our inferences are made under the ideal solution assumption.
Given that surface analysis revealed that the alloying elements in the studied steels are selectively dissolved during the immersion tests, the overall corrosion process can be described as a dealloying process. Therefore, in accordance with the results of a previous study, 37 we employed the mixed potential theory 35 to interpret the corrosion behaviour of the current alloys. Although the previous study focused on binary systems, the 
where i denotes the index for each content. The parameter w = (w 1 , w 2 , …, w i ) will always satisfy the following condition:
Therefore, the parameter w can be seen as a multi-dimensional variable that conforms to the the Dirichlet distribution. 38 For any specified content, considering the right-hand limit: w i → 1 − , the relationship, lim
, is invariably established and there is an implied condition, P i w i ¼ 1, in the Dirichlet distribution. Consequently, it is acceptable to consider the atomic fraction as w i , for each item of content individually. Therefore, in Eq. (1), we only need to make another proper estimate for each potential μ i . Consider the general form of the ion reaction for metallic elements:
where {x i , z i , y i , m i , n i } are the stoichiometric coefficients for the corresponding chemical substances. The subscripts Re and Ox of M denote the reduction and oxidation states, respectively. The Nernst equation for each item of content can be constructed as: Re Þ has a close connection with the coefficients x i and y i . Considering the infimum (greatest lower bound) for our case, which corresponds physically to the worst situation in which no protective oxide is formed during corrosion, the real reaction for Eq. (3) in the anode can be simplified by the ionic formula as:
According to the principle of charge conservation, the relationship x i ≡ y i must be established. Therefore, α (4) can be written as:
Because the hydrogen evolution reaction occurs from the cathode, the potential there can be approximated by the hydrogen potential:
According to the principle of electron conservation between an anode and a cathode, the relationship n t ¼ P i w i n i must be established. As a result, the difference in the potential between the cathode and anode will be established according to the following relationship:
The function f(n) = n −1 possesses convex properties when n 2 R þ . The conditions w i > 0, ∀ i, and P i w i ¼ 1 suggest that w in Eq. (2) can be seen as a certain probability mass function p. According to Jensen's inequality, E p ½f ðnÞ ⩾ f ðE p ½nÞ; therefore, the relationship P i w i ð1=n i Þ ⩾ 1=ð P i w i n i Þ ¼ 1=n t can be obtained. As a result, the Eq. (7) will be:
The values of μ Θ,i correspond exactly to the values in Table 2 39 for all content. The pH for the 1 N H 2 SO 4 solution is approximately 0.3, while the minimum for m i (the possible chemical valence of metals, m i 2 N þ ) is 2. n i is also a positive integer. Thus, the first item in Eq. (8) is always positive, albeit negligibly small. As corrosion progresses, the energy of the entire system tends to decrease. Considering Table 2 , it is not difficult to understand why this is so: the Cu-free sample exhibits an increasing W concentration at the surface, while Fe at the surface is consumed through an anodic reaction during corrosion. Although a fractional increase in W can decrease the difference in potentialμ to some extent, the value ofμ will invariably be positive because all μ Θ,i are negative. This was already confirmed in the dissolution tendency and the surface chemistry (Figs. 9b and 12a) . Thus, there will always be a difference in potentialμ between the cathode and anode and it will never decrease to 0. Therefore, the corrosion process will never stop. In contrast, with the addition of Cu, the amount of Cu in the matrix increases (as confirmed in Figs. 10b and 13b, d ) as an anodic substance during corrosion, because the standard potential for the Cu 2+ /Cu redox pair is positive. Consequently, the difference in potentialμ for Cu addition can theoretically decrease to 0 with a fractional increase in Cu. Thus, the driving force behind the corrosion is removed and, consequently, further reactions in the Cu-added alloys are significantly inhibited.
The SEM images show that numerous secondary carbide particles formed in the martensitic matrices after both the Cufree and Cu-added alloy systems were water-quenched. STEM observations suggest that the primary and secondary carbides possess similar structures and compositions. Hence, it is reasonable to treat them as the same substance during corrosion. Based on this inference, we find that the water quenching treatment increases the initial number of micro corrosion cells for both alloys. This will, in turn, increase the corrosion rate, as is evident in Fig. 7 . The lattice defects such as grain boundaries and dislocations, introduced upon the martensitic transformation, also contribute to such severe corrosion reactions via enhanced diffusion within the matrix. However, for the Cu-added alloy, the resistance polarisation induced by the Cu concentrated on the surface of the sample is more effective at inhibiting corrosion. The corrosion rate of the Cu-added alloy is barely accelerated if only the number of micro corrosion cells is increased. This interpretation corresponds to the result obtained in the immersion tests.
The improved corrosion resistance due to Cu addition in the designed alloy relies on the gradual enrichment of Cu on the surface. The mechanism based on dealloying at the early stage of corrosion is similar to the Cu re-deposition mechanism proposed previously. 19, 20 Nonetheless, the present study demonstrated that such an approach can be applied to high-carbon steels containing numerous carbide precipitates. The knowledge obtained as a result of this study and the proposed theoretical approach can be extended to other alloy systems in various corrosive environments.
METHODS
Sample preparation
Samples of the Fe-16Cr-3W-1C (mass%) alloys with and without 2 mass% Cu were fabricated using an arc melting furnace (ACM-08-1000S, DIAVAC, Japan) from elemental substances (with a purity greater than 99.9%) and were then sliced with a fine cutter. Some of the alloy samples were sealed with Ar gas in quartz tubes and then heat-treated at 1000°C for 2 h, followed by water quenching.
Microstructural observations
Microstructural observations for the specimens were performed using a SEM (SU3500, Hitachi, Japan) at an accelerating voltage of 15 kV. EDS was also utilised to investigate the distribution of the alloying elements. EBSD scans were performed by field-emission SEM (XL30S-FEG, FEI, USA) at 15 kV. The EBSD data were accumulated and analysed using data acquisition and analysis software (TSL-OIM 7.3, EDAX, USA). XRD measurements were performed using a PANalytical X′Pert MPD diffractometer with Cu Kα radiation at an acceleration voltage of 45 kV and a current of 40 mA. To investigate the potential distribution of the sample surfaces, KFM measurements were conducted using a scanning probe microscope (SPM) (Multi-Mode 8, Bruker AXS, Germany). In the KFM measurements, the surface potential values were calibrated using an Au standard. The measured area was set to 20 μm × 20 μm. The specimens taken from the as-cast and quenched samples were ground using silicon carbide papers up to grade 3000. The samples were then polished with a cloth plate moistened with colloidal silica (OP-S suspension, Struers, Japan), followed by ultrasonic cleaning using acetone and distilled water. STEM observations and EDS elemental mapping were conducted using a FEI TITAN 3 G2 60-300 S/TEM operating at 300 kV with a double spherical aberration (Cs) corrector. The sample for the STEM observations was prepared with a focused ion beam (FIB) system (Quanta 200 3D, FEI, USA).
Hardness test
The Vickers hardness of the as-cast and quenched samples was measured using a Vickers microhardness tester (HMV, Shimadzu, Japan). A force of 9.8 N was applied for an indentation duration of 10 s for each measurement. The hardness measurements were performed ten times for each specimen, after which the average values and corresponding standard deviations were calculated from these measurements. To determine the significance of the differences between the two sets of data collected, we used a paired two-sample Student's t-test. A p-value of <0.05 was considered statistically significant.
Immersion test
The PIM manufacturing of PPS was conducted at temperatures in the range of 140-300°C. However, such experimental conditions are impractical in the laboratory and should be modified. It was reported that the corrosion rate of carbon steels can be significantly increased by decreasing the pH or increasing the temperature of the corrosion media. 40 Therefore, to simulate the corrosion behaviour at the process temperature used for PIM manufacturing, the immersion tests were conducted in a relatively concentrated H 2 SO 4 solution Immersion tests were conducted at room temperature in accordance with the NACE TM0169 standard. 41 The samples were cut to approximately 7 × 8 × 1.5 mm 3 . A 1 N sulfuric acid solution was prepared using H 2 SO 4 (Wako Pure Chemical Industries, Japan) and deionised water. The specimens were immersed in 40 ml of H 2 SO 4 corrosion media placed in Teflon crucibles at an ambient temperature. The specimens that were taken out from the crucibles were cleaned with distilled water, dried, and finally measured using an electronic weighing system. This process was repeated every hour for a total of 7 h. The weight loss determined using Eq. (9) was selected to evaluate the corrosion performances of the samples, as follows:
Δm ¼ ðm i À m 0 Þ=A; ði ¼ 1;
; 7Þ (9) where i is the indicator for the corrosion period (hour(s)), while m i and m 0 are the masses of the sample before and after immersion treatment. A is the surface area of the specimen determined by its dimensions before the immersion test. The corrosion rate (mg cm −2 h −1 ) can also be calculated from the weight loss data if m 0 is substituted for m i−1 in Eq. (9) and then applied to every hour individually.
After the immersion tests, the corroded surfaces of the samples were observed by SEM (SU3500, Hitachi, Japan) at 15 kV. The surface roughness of the samples was evaluated using a 3D-measuring microscope (One-Shot 3D VR-3200, Keyence, Japan). An inductively coupled plasma optical emission spectrometer (ICP-OES, IRIS Advantage DUO, Thermo Fisher Scientific, USA) was used to evaluate the quantities of the metallic elements in the H 2 SO 4 solutions for the ascast specimens after 7 h of immersion. The corroded surfaces of the specimens were analysed after 1 h of immersion by XPS (Axis ultra DLD, Kratos Analytical, UK) using monochromatic Al Kα X-ray radiation (1486.7 eV). The step sizes used for the survey and narrow scans were 1 and 0.1 eV, respectively. The spectra were calibrated using the hydrocarbon peak at 284.8 eV and the chemical states of the elements were determined from the peak positions obtained by deconvoluting the high-resolution scans. The immersed specimens were cleaned with distilled water and then dried in air before analysis with XPS. The XPSbased depth profiles were acquired by etching away the surface layers using an inert Ar gas ion gun. The depth at which the samples were probed was evaluated using SiO 2 as the etch-rate reference material to convert the sputtering time into the depth.
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